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ABSTRACT 20 

 21 

Based on high-resolution neutron diffraction experiments we will show that in lath-martensite 22 

steels the initially homogeneous dislocation structure, i.e. homogeneous on the length scale of 23 

grain size, is disrupted by plastic deformation, which, in turn, produces a composite on the length 24 

scale of martensite lath-packets. The diffraction patterns of plastically strained martensitic steel 25 

reveal characteristically asymmetric peak profiles in the same way as has been observed in 26 

materials with heterogeneous dislocation structures. The quasi homogeneous lath structure, 27 

formed by quenching, is disrupted by plastic deformation producing a composite structure. Lath 28 

packets oriented favorably or unfavorably for dislocation glide become soft or hard. Two lath 29 

packet types develop by work softening or work hardening in which the dislocation densities 30 

become smaller or larger compared to the initial average dislocation density. The decomposition 31 
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into soft and hard lath packets is accompanied by load redistribution and the formation of long-32 

range internal stresses between the two lath packet types. The composite behavior of plastically 33 

deformed lath martensite opens a new way to understand the elastic-plastic response in this class 34 

of materials. 35 

 36 

Keywords: composite behavior of lath martensite, elastic-plastic response of lath martensite, 37 
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mean free path of dislocations 39 
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 41 

 42 

1. Introduction 43 

 44 

Lath martensitic steels are widely used iron base alloys with outstanding mechanical properties. 45 

They contain carbon varying between a few hundredths to a few tenths of weight percentage and 46 

a variety of different alloying elements in small quantities. Their strength is induced by the 47 

transformation of the fcc γ to the bcc α phase by fast cooling [1]. Coherency strains in the 48 

quenched alloy induce huge dislocation densities which are the source of the alloy's strength [1]. 49 

Though this alloy has been used since the existence of steel, the way its microstructure functions 50 

is still unclarified.   51 

 52 

A typical lath-martensite consists of blocks of lamellar plates, where the blocks form packets [2-53 

4]. The blocks are subdivided into sub-blocks, where the smallest constituents are lamellar plates 54 

called martensite-laths. The hierarchy of packets, blocks, sub-blocks and laths is shown 55 

schematically in Fig. 1. Within the packets the laths are parallel lamellae each having crystal 56 

orientations separated by different twin-related boundaries. The 110 oriented lath planes align 57 

coherently with one of the 111 type planes of the primary austenite. Within the primary austenite 58 

grain boundary, several packets of different crystallographic orientations can coexist [2-4], see 59 

Fig. 1a. 60 

 61 
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Despite the rather large yield stress of martensitic steels, they do show some ductility [1,5-7]. 62 

Recent microscale deformation experiments [8,9] have attempted to reveal the microscopic 63 

mechanisms controlling plastic deformation in lath-martensite. Micropillars with a single 64 

martensite block have shown perfectly ideal stress-strain behavior with no strain hardening and a 65 

flow stress of ∼1.2 GPa. Micropillars with two or more blocks, however, have shown significant 66 

strain hardening with a similarly large yield stress [8]. Microscale tensile experiments have 67 

shown relatively small flow-stress values of the order of ∼350 MPa, when the active slip systems 68 

were in-lath-plane, whereas the flow-stress almost doubled when the active slip systems were 69 

out-of-lath-plane [9]. The two experiments in [8] and [9] indicated that there might be a load 70 

redistribution between packets in which the active slip systems are in- or out-of-lath-plane, 71 

respectively. This is shown schematically in Fig. 1b, where we can see two packets oriented with 72 

active Burgers vectors either in- or out-of-lath-plane.  73 

 74 

T present work is based on characteristically asymmetric neutron diffraction profiles. We will 75 

show for the first time that although the microstructures of lath packets in lath-martensitic steels 76 

are similar in the as-quenched initial state, this homogeneity is disrupted during plastic 77 

deformation. The disruption is the result of the process where lath-packets with active Burgers 78 

vectors in-lath-plane work-soften, whereas those with active Burgers vectors out-of-lath-plane 79 

work-harden. Plastic deformation produces coexisting soft and hard lath packets, and the 80 

deformed lath martensite behaves like a composite. The composite behavior could be regarded as 81 

a new paradigm allowing us to understand the elastic-plastic response of lath martensite 82 

 83 

 84 

2. Experimental 85 

 86 

An as-quenched rod-shape lath martensite steel specimen was tensile deformed in a screw-type 87 

loading machine at a strain rate of 10-5 s-1. Strain was measured by a strain gauge glued on the 88 

specimen. The composition of the specimen was Fe-0.22C-0.87Si-1.64Mn-0.024Ti-0.0015B-89 

0.0025N (all in wt.%). The as quenched martensitic steel specimen contained a small amount of 90 

retained austenite of the order of about 3%. Scanning electron microscopy (SEM) images 91 
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revealed no significant texture. According to the SEM micrographs the average packet and block 92 

sizes were about 20 and 4 μm, respectively. Further details of the specimen will be given in [10]. 93 

 94 

The experiments took place at the TAKUMI beamline of the Materials and Life Science 95 

Experimental Facility of the Japan Proton Accelerator Research Complex, J-PARC. The tensile 96 

machine was placed into the TAKUMI beamline and the neutron diffraction patterns were 97 

collected in-situ during the tensile deformation. The beamline was operated in the high resolution 98 

and high intensity time-of-flight (TOF) mode. High resolution was achieved by tuning the 99 

incident optical devices, especially the neutron guides and collimators, for this purpose. Despite 100 

the loss of intensity, due to high resolution, high intensity was retained since the instrument was 101 

built at a pulsed, high intensity spallation-neutron-source. The schematic outline of the TOF 102 

diffractometer and the specimen geometry are shown in Fig. 2 and will be discussed in more 103 

detail in [10]. The illuminated volume in the specimen was restricted to 5×5×5 mm3 by the 104 

incident beam slit and the radial collimators. The instrumental peak width was tuned to 0.3 %.  105 

 106 

The loading direction and the diffraction vectors were either parallel or perpendicular to each 107 

other regarding the +90° or the -90° detectors, i.e. in the 'axial' or the 'side' cases, respectively, as 108 

indicated in Fig. 2. The intrinsic peak asymmetry due to TOF geometry in the TAKUMI 109 

diffractometer produces slightly longer profile tails in the larger d value directions. This effect, 110 

however, will be neglected, since it is significantly smaller than the asymmetry caused by the 111 

long range internal stresses in the specimen. Details follow in the next paragraph.  112 

 113 

Strains or stresses, which are related to directions normal to the tensile direction, are often called 114 

radial strains or stresses. In the present work we will call these side-case strains or stresses, since 115 

the same terms were used in earlier literature on long range internal stresses, see Refs. [11-13]. 116 

 117 

 118 

3. Evaluation of asymmetric peak profiles in terms of local dislocation densities and long-119 

range-internal-stresses 120 

 121 
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In order to improve the counting statistics, the deformation was interrupted at 9 consecutive 122 

strain values as shown in the stress-strain curve (see Fig. 3). Line profile analysis has been done 123 

on the diffraction patterns measured in the unloaded states of the specimen. These diffraction 124 

patterns were evaluated by the Convolutional-Multiple-Whole-Profile (CMWP) fitting procedure 125 

based on physically modelled profile functions for dislocations, crystallite size and planar defects 126 

[14,15]. The size profile function, IS, is constructed by assuming a logarithmic-normal size 127 

distribution of the coherently scattering domains. The size distribution function is described by 128 

the median, m, and its variance, ζ. The strain profile, ID, is based on dislocations characterized by 129 

the average density, ρ, and the arrangement parameter, M, where M=Reඥ and Re is the 130 

effective outer cut-of radius of dislocations. When the dislocation arrangement has a strong 131 

dipole character, i.e. when their strain field is strongly screened, Re will be smaller than the 132 

average dislocation distance and M becomes smaller than 1 (M≤1). When, however, the 133 

dislocation arrangement has a weak dipole character, i.e. when the strain field is weakly 134 

screened, Re will be larger than the average dislocation distance and M becomes larger than 1 135 

(M1).  Strain broadening is also anisotropic as a function of reflection order, or the hkl indexes. 136 

This effect is caused by elastic anisotropy of the material. Strain anisotropy is taken into account 137 

by the contrast factors, C, of the different hkl diffraction profiles. When the texture is not strong 138 

and the possible slip systems are randomly populated by dislocations, the contrast factors can be 139 

averaged over the permutations of the hkl indexes. In such cubic polycrystalline materials the 140 

average contrast factors are a function of a single parameter, Cത = Cത(ݍ).  141 

 142 

In the present martensitic alloy there are no planar defects, therefore we have described line 143 

broadening only by the size effect and dislocations. The size and strain profile functions are 144 

given by m, ζ, ρ, M and q. The asymmetric profiles require two size and two strain profiles. This 145 

means that the microstructure has been characterized by altogether 10 physical parameters. In 146 

order to improve the reliability of the evaluation, the CMWP software package has recently been 147 

amended [16]. The global minimum of the physical parameters is obtained by combining the 148 

Marquard-Levenberg nonlinear least-squares method and the Monte-Carlo fitting procedure [16]. 149 

The improved CMWP applies the two procedures alternatingly, while, in the Monte-Carlo 150 

procedure, the relative searching range of the physical parameters decreases exponentially form 151 

about 0.4 to about 0.02. The quality of the fit has been measured by the goodness-of-fit, R2, 152 



6 
 

value. The CMWP evaluation was carried out for all diffraction peaks from 110 to 330 153 

simultaneously. A typical axial diffraction pattern for the ε=0.03 tensile deformed state is shown 154 

in Fig. 4a. 155 

 156 

To describe the strain part of asymmetric profiles we used the sum of two symmetric strain 157 

profile functions, each of which were shifted to smaller or larger d* values around the center of 158 

gravity of the measured peaks. The robustness of the fitting procedure is shown in Fig. 4b. In 159 

order to see the difference between fitting with a single or two strain profiles only a section of 160 

the pattern is shown between d*=6.5 nm and d*=11.7 nm.  Asymmetry concerns mainly the 161 

lower intensity parts of the profiles. In order to see the quality of fitting better, the intensity is in 162 

logarithmic scale. In the upper pattern two, whereas in the lower pattern only one strain profile 163 

has been used. In the upper measured (open circles) and fitted (red solid line) patterns the fitting 164 

is very good on both sides of the asymmetric profiles. Here R2=0.9045 has been obtained. In the 165 

lower measured (open circles) and fitted (red solid line) patterns the fitting is good on the right 166 

hand side, however, on the left hand side, especially in the lower intensity ranges, the measured 167 

data are well above the fitted curves indicating that the second peak is missing. Here R2 has been 168 

obtained to be R2=0.782. 169 

 170 

In the initial state, all the diffraction peaks are almost perfectly symmetric within the 171 

experimental error. However, in the tensile deformed states, they become pronouncedly 172 

asymmetric, beyond the experimental error. This is illustrated for the 200 axial and side case 173 

diffraction peaks in Figs. 5a and 5b, respectively. The figures clearly show that after deformation 174 

the peaks become asymmetric and that the asymmetries in the axial and side case peaks occur in 175 

opposite directions. The tail parts of the asymmetric peaks are longer in the smaller or the larger 176 

d* directions in the axial or side cases, respectively. Here d*=1/d, the reciprocal of the d 177 

spacings in the crystal. The reversal of peak asymmetry is qualitatively similar to the 178 

characteristic peak asymmetry observed earlier in tensile deformed copper single [11-13] or 179 

polycrystals [17-20] with dislocation cell structures. This type of peak asymmetry is evidence for 180 

the composite behavior in heterogeneous microstructures, especially in heterogeneous 181 

dislocation distributions.  182 

 183 
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The evaluation of the sub-peak shifts, Δd*, is shown in Fig. 5c and 5d for two typical 200 axial 184 

and side case profiles. The hkl dependent local strains, εhkl=(Δd/d)hkl, have been evaluated from 185 

the sub-peak shifts, Δd*, and are shown for the 200, 211, 220 and 310 reflections in Fig. 6a as a 186 

function of true strain. The figure indicates that the absolute values of εhkl for the 200 and 310 187 

reflections are systematically larger than the shifts of the 211 and 220 sub-peaks. This effect is 188 

due to elastic anisotropy. The hkl dependent local long-range internal stresses, Δσhkl, have been 189 

calculated as: Δσhkl=EhklΔεhkl, where Ehkl are the hkl dependent Young's modules. The Ehkl values 190 

have been determined in [10] from the elastic parts of the lattice strain measurements for the 191 

same specimen investigated here also. The measured values are: E100=167(±2) GPa, 192 

E110=229(±3) GPa, E211=223(±3) GPa and E310=183(±3) GPa. The Δσhkl values are plotted as a 193 

function of the true stress in Fig. 6b. The figure indicates that these values reveal a much weaker 194 

hkl dependence than the εhkl values. This result suggests that the behavior of the long-range 195 

internal stresses conforms more to the Taylor [20] than to the Sachs [21] model of plasticity. 196 

Both, εhkl and Δσhkl have been evaluated also from the asymmetric side-case profiles. The values 197 

were obtained to be smaller than from the axial-case profiles by a factor of Poisson's number, i.e 198 

by about a factor of 0.33. 199 

 200 

The two shifted sub-profiles have been evaluated for the average dislocation densities in the HO 201 

and SO packet components. The results are shown as a function of strain in Fig. 7a. The integral 202 

intensity ratio of the sub-profiles corresponding to the HO and SO packets provided the volume 203 

fractions of the two components, fHO and fSO. We will denote the stresses acting in the tensile and 204 

shear directions by σ and τ. The two stresses are coupled by the Taylor factor, MT: σ=MTτ [20]. 205 

The average flow stress values, σav or τav, and the local flow stress values, σHO or τHO and σSO or 206 

τSO, acting in the HO and SO packets, have been calculated by the Taylor equation [23]: 207 

 208 

σi = σ0 + αGMTbඥ୧ ,        (1a) 209 

 210 

τi = τ0 + αGbඥ୧ ,         (1b) 211 

 212 



8 
 

where i stands for, HO or SO, α is a free parameter usually between zero and 1, G is the shear 213 

modulus, b is the absolute value of the Burgers vector and ρi is the total or the local average 214 

dislocation density, latter either in the hard, HO, or soft, SO, packets, respectively. Throughout 215 

this work all local parameter values are average values for all the grains within the illuminated 216 

volume of the polycrystalline specimen. Rietveld refinement has been done allowing for the two 217 

phases, i.e. the HO and SO fractions of the packets. The details of this analysis are given in [10]. 218 

Rietveld analysis did provide the same average lattice parameter values for the two components 219 

as the ones one could obtain from the  peak shifts determined here.  220 

 221 

 222 

4. Evolution of the dislocation density and structure in HO and SO martensite lath-packets 223 

 224 

During plastic deformation, dislocations are created and annihilated at the rates of creation, ሶ ௖௥, 225 

and annihilation, ሶ ௔௡௡௜. In work hardening the creation rate exceeds the annihilation rate, 226 

ሶ ௖௥ > ሶ ௔௡௡௜, and the total dislocation density increases, ሶ ௧௢௧ > 0. At large deformations the rate 227 

of annihilation can increase to match the rate of creation, ሶ ௖௥ = ሶ ௔௡௡௜, and the total dislocation 228 

density will reach a saturation value, ρtot=ρsat, where ሶ ௧௢௧ = 0. In Ref. [24] it was shown that if, 229 

for any reason, the starting dislocation density is larger than the saturation value, i.e. ρini>ρsat, the 230 

annihilation rate will exceed the rate of creation, ሶ ௔௡௡௜ > ሶ ௖௥. Under these conditions the total 231 

dislocation density will decrease even during plastic deformation, ሶ ௧௢௧ < 0. In such a case work 232 

softening can be observed.  233 

 234 

In lath martensites the initial dislocation density, ρini, is created by martensitic transformation. 235 

The process produces very large dislocation densities of the order of 1016 m-2 [3,25]. In Ref. [24] 236 

it was shown that work hardening or softening depends on the relation between the initial, ρini, 237 

and the saturation values, ρsat, of the dislocation densities. The two processes are uniformly 238 

described by equation (6) in Ref. [24]: 239 

 240 

 ρ(γ) = [(ρsat)1/2
 - β exp(-୷∗ଶୠ)]2 ,       (2) 241 

 242 



9 
 

where γ is the shear deformation, β=(ඥ௦௔௧ - ඥ௜௡௜), y* is the effective annihilation distance of 243 

dislocations as defined in Refs. [24], [26] and [27] and γ=2ε, ε being the deformation in the 244 

tensile direction. We shall interpret only the ratio of the annihilation distance in the soft and hard 245 

components of the deformed lath-martensite, yୗ୓∗ /yୌ୓∗ . The interpretation of the annihilation 246 

distance, y* itself, is not an essential issue, since in equation (2) it is only a fitting parameter. 247 

Based on the Orowan equation [28] it can be assumed that the mean free path of dislocations, Λ, 248 

scales with the average dislocation distance, Λ=h'/ඥ, where h' is the scaling factor. In Refs. 249 

[26,27] it was shown that at saturation the annihilation distance also scales with the saturation 250 

value of the dislocation distance: y*= h''/ඥ௦௔௧, where h'' is the scaling factor. Since both, y* and 251 

Λsat scale with 1/ඥ௦௔௧, the ratios of the two quantities in the SO and HO components of the 252 

deformed lath martensite are equal at saturation: 253 

 254 yୗ୓∗ /yୌ୓∗  = ௦௔௧ୗ୓ /௦௔௧ୌ୓  ≅ 50 .        (3)  255 

 256 

The dislocation density values at saturation, ρsat and the signed values of β in the SO and HO 257 

components, as obtained from equation (2), are listed in Table 1. When β is positive or negative, 258 

the rate of dislocation annihilation is smaller or larger than the rate of dislocation creation, 259 

respectively [24]. The former case corresponds to work hardening and the latter to work 260 

softening. 261 

 262 

In the packets where the active dislocations (i.e. the dislocations with the largest Schmid factor) 263 

move along the lath planes, the mean free paths, Λ, and the effective annihilation distances, y*, 264 

will be relatively long. When, however, the active dislocations cross the lath-plane boundaries 265 

both the mean free paths, Λ, and the effective annihilation distances, y*, will be relatively short. 266 

In the first case, the lath-packets will soften, whereas in the second case they will harden, 267 

producing soft and hard packets with composite behavior. Softening and hardening disrupts the 268 

dislocation distribution which was homogeneous on the scale of lath dimensions in the as 269 

quenched initial state. In the SO and HO components the dislocation densities decrease or 270 

increase relative to the initial average value, and vary spatially on the length scale of martensite 271 

packets. Load is redistributed between SO and HO martensite packets in correlation with the 272 
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composite behavior. Dislocation dynamics simulations in fcc crystals, see Ref. [29], have shown 273 

that the mean free path of dislocations play a key role in strain hardening. The present work 274 

indicates that Λ along with y* are key quantities in strain softening or hardening, which is in 275 

good correlation with [29]. 276 

  277 

Screw or edge type dislocations have different diffraction contrast [30]. The CMWP procedure 278 

takes into account strain anisotropy and also provides the average fraction values of edge and 279 

screw type dislocations [14,15]. The analysis provided that in the SO packets the dislocations are 280 

mainly of screw character, which does not change during plastic deformation. In the HO 281 

components, however, the dislocation character changes gradually from screw to edge character 282 

as a function of plastic strain, as indicated in Table 1. Screw dislocations can move in any 283 

direction therefore annihilate relatively easily even when they are farther apart from each other. 284 

Edge dislocations, however, will either glide on slip planes or climb when annihilating, so can 285 

only annihilate when they are close to each other. The relatively large ratios between the 286 

effective annihilation distances and mean free paths in the SO and HO packets, see in eq. (3), 287 

correlate well with the different dislocation characters in these packets. Further details on how 288 

dislocation character changes with plastic deformation will be given in Ref. [10]. 289 

 290 

The total average dislocation density, ρt, was calculated from the two local values as the 291 

weighted average, ρt= fHOρHO+(1- fHO)ρSO, where fHO is the volume fraction of the HO 292 

component. The volume fraction, f, of the HO fraction has been found to vary around 293 

f=0.48±0.05, right from the beginning of plastic deformation and it did not change within the 294 

investigated deformation range. The flow stress values, σi, calculated by equation (1) are shown 295 

in Fig. 7b vs. the measured applied stress, σapplied. In equation (1), α was allowed to vary with 296 

deformation in the HO oriented packets as it is shown in Fig. 7c.  297 

 298 

The value of α is usually considered a constant, but in the HO packets we must have an α with a 299 

changing value. Unless we have a changing α value, the increase of dislocation density alone 300 

would be totally insufficient to account for the increase in the flow stress. A number of 301 

experimental results have shown that the value of α changes with dislocation arrangements 302 

during plastic deformation [31-35]. In the SO packets the dislocation density decreases at the 303 



11 
 

beginning of plastic deformation and then stays constant. Since here neither the dislocation 304 

density nor its arrangement changes considerably, the value of α is a constant. The local flow 305 

stresses, σHO and σSO in the HO and SO packets indicate that the moment plastic deformation 306 

starts, stress is redistributed between the two packet types, see Fig. 7b. Compared to the applied 307 

stress values, the local flow stress decreases in the SO packets, but increases in the HO packets. 308 

The σinitial value is the flow stress corresponding to the initial average dislocation density: 309 

σinitial=σ0+αGMTbඥ୧୬୧୲୧ୟ୪, where σ0 is the friction stress of the alloy. 310 

  311 

 312 

5. Composite model of plastically deformed lath-martensite 313 

 314 

The shifts, Δd*, are evaluated in terms of residual internal stresses, Δσ, corresponding to the 315 

forward and backward stresses which act in the hard-orientation (HO) or soft-orientation (SO) 316 

packets. The two different packet orientations, HO and SO, are those in which the active Burgers 317 

vectors are out-of-lath-plane and in-lath-plane. 318 

 319 

The microscopic model of stress redistribution is based on the composite model of Mughrabi 320 

[11-13] and is shown schematically in Fig. 8. In the initial state, the microstructures are identical 321 

in the packets with different orientations. Fig. 8a shows three adjacent packets with identical 322 

dislocation structures. Two packets have vertical and one has horizontal laths. In the central 323 

packet the active Burgers vector is parallel to the lath plane directions, whereas in the other two 324 

they cross the lath boundaries. As schematically shown in Fig. 8b, the central SO packet will 325 

soften during plastic deformation whereas the HO packets will harden. After unloading, forward 326 

and backward residual stresses will remain in the HO and SO packets, respectively. Stress and 327 

strain compatibility between the SO and HO packets is guaranteed by the geometrically 328 

necessary dislocations (GNDs). They are lined up along the interfaces of the differently oriented 329 

packets shown in Fig. 8c. The forward and backward local residual stresses are shown in Fig. 8d. 330 

During loading the weighted averages of the local stresses add up to the applied stress [11]: 331 

 332 

τapplied = fHOτHO + (1-fHO)τSO .         (4) 333 

 334 
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After unloading the residual internal stresses in the HO and SO packets are: 335 

 336 

ΔτHO=τHO-τapplied ,  ΔτSO=τSO-τapplied , where  fHOΔτHO + (1-fHO)ΔτSO = 0.  (5) 337 

 338 

In the composite model of plastic deformation of heterogeneous microstructures, ΔτHO and ΔτSO 339 

are called 'long range internal stresses' [11-13]. During plastic deformation, the backward 340 

stresses in the SO and the forward stresses in the HO packets will either hamper or assist 341 

dislocation motion so as to make the entire material flow simultaneously. The backward and 342 

forward stresses ensure that macroscopic flow takes place irrespective of the packets being soft 343 

or hard. In the HO packets the dislocation character gradually changes from screw to edge type 344 

when plastic deformation takes place. This change in dislocation character causes the 345 

annihilation distance to decrease, which in turn contributes to the increase of dislocation density. 346 

Statistical fluctuations are not taken into account in the simple schematic model of long range 347 

internal stresses, see Fig. 8d. No doubt the magnitude of long range internal stresses varies 348 

statistically as has been shown in several high resolution X-ray diffraction experiments [17-20]. 349 

The local variation and fine details of the long range internal stresses requires similar high 350 

resolution X-ray diffraction experiments as in the case of plastically deformed copper crystals 351 

[17-20]. The strengthening effect of retained austenite has not been discussed here, but further 352 

details will be given in [10]. In the present alloy the volume fraction of retained austenite is 353 

about 3.7%. As it will be discussed in [10], this amount contributes to the average strength of the 354 

material. However, the contribution is less than about 9%, and has practically no effect on the 355 

long range internal stresses or the composite behavior described and discussed here. 356 

 357 

 358 

Conclusions 359 

 360 

Based on high-resolution neutron diffraction experiments we have shown that the initially 361 

homogeneous dislocation structure in lath-martensite is disrupted by tensile deformation. Packets 362 

with active Burgers vectors having either in-lath-plane or out-of-lath-plane orientation, will 363 

soften or harden as a function of plastic deformation. The dislocation densities will become 364 

smaller or larger than the initial average value in the softening or hardening packets. Plastic 365 
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deformation produces a heterogeneous microstructure consisting of soft and hard martensite 366 

packets, and the material, thus consisting of two components, behaves like a composite. Long 367 

range internal stresses are being formed, and they act backward or forward in the soft and hard 368 

components. Load is redistributed between the soft and hard components. The backward and 369 

forward stresses hamper or assist dislocation movement in the soft or hard components. As a 370 

result, both components undergo plastic deformation simultaneously. In order to understand the 371 

relatively ductile and high strength nature of lath-martensite steels, one has to take into account 372 

that the initially homogeneous microstructure will turn into a composite as a result of plastic 373 

deformation. 374 

 375 
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Table 1.  The dislocation density values at saturation, ρsat as provided by equation (2), the signed 443 

values of β in the soft and hard components of the deformed lath martensite, as defined in 444 

equation (2) and the dislocation character of the majority of dislocations at saturation as provided 445 

by the CMWP procedure.  446 

 447 

packets  ρsat 

[1015 m-2] 

β 

[1/nm] 

dislocation character 

at saturation 

SO 1.69 (±0.1) -0.71 (±0.05) screw 

HO 18.7 (±1) 2.27 (±0.2) edge  

 448 

 449 

 450 

 451 

 452 
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Captions 454 

 455 

Figure 1.  456 

Schematic illustration of the hierarchical structure of lath martensite with the active Burgers 457 

vectors. (a) Lath packets consisting of parallel blocks in three different packet. Each block 458 

consists of laths of two specific Kurdumov–Sachs [2] variant groups (sub-blocks) misoriented by 459 

small angles smaller than about 10 degrees. (b) Two packets oriented with the active Burgers 460 

vectors either in- or out-of-lath-plane relative to the direction of the applied stress, σ, 461 

respectively. 462 

 463 

Figure 2.  464 

Schematic drawing of the in-situ neutron diffraction experiment. The specimen was mounted 465 

horizontally in a loading machine which was installed at the TAKUMI beamline, in such a way 466 

that the neutron diffraction patterns in the axial and axial directions were measured 467 

simultaneously using two detector banks at scattering angles of ±90°. 468 

 469 

Figure 3.  470 

Stress-strain curve. Deformations in plastic regime were increased step by step followed by 471 

unloading at several strain values to improve counting statistics. 472 

 473 

Figure 4.  474 

(a) Typical diffraction pattern. The observed (open black-circles) and CMWP fitted (red line) 475 

neutron diffraction patterns for the ε = 0.03 tensile deformed state. The horizontal axis is the 476 

reciprocal of the d spacings, where d*=1/d. (b) A section of the measured (open black-circles) 477 

and CMWP fitted (red line) patterns. The upper patterns: with fitting two slightly shifted strain 478 

profiles into each peak profile in order to account for peak asymmetries. The lower patterns: with 479 

only one fitted strain profile into each peak profile. The letter A at the hkl indices indicates 480 

austenite reflections. 481 

 482 

Figure 5.  483 
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Enlarged 200 diffraction profiles. The measured and CMWP calculated profiles for the 484 

undeformed (open triangles and blue lines) and ε = 0.047 tensile deformed (open squares and red 485 

lines) states in the axial (a) and axial (b) directions. (c) The CMWP calculated sub-profiles 486 

corresponding to the HO (dark green line) and the SO (blue line) packets in the axial direction, 487 

along with the measured data (open circles) and the CMWP calculated total profile (red line). 488 

The center of gravity of the measured profile and the positions of the sub-peaks are indicated as 489 

dotted, dashed and dash-dot lines, respectively. (d) The measured (open circle), the CMWP 490 

calculated total profile (red line) and the CMWP calculated sub-profiles corresponding to the HO 491 

(dark green line) and the SO (blue line) packets in the axial direction. 492 

 493 

Figure 6.  494 

(a) The relative shifts, Δd/d, of the sub-peaks obtained from the asymmetric axial case profiles as 495 

a function of true strain for the 200, 220, 311 and 222 reflections. (b) The long-range internal 496 

stress values, Δσ, as a function of trues train for the 200, 220, 311 and 222 reflections. The 497 

vertical thick black lines indicate the experimental error. 498 

 499 

Figure 7.  500 

Dislocation density, stress partitioning and α parameter in the Taylor equation. (a) Dislocation 501 

densities in the HO (red symbols) and the SO packets (blue symbols), and the volume fraction 502 

weighted average dislocation densities (black symbols). (b) Local stresses in the HO (red 503 

symbols) and the SO packets (blue symbols) calculated from the dislocation densities according 504 

to the Taylor equation in eq. (1). (c) The α parameter in Taylor's equation calculated from the 505 

dislocation densities and the local stresses. 506 

 507 

Figure 8.  508 

Schematic drawing of the composite model of the SO and HO packets in lath martensite. (a) 509 

Schematic arrangement of laths in different packets. The parallel laths are indicated by different 510 

parallel gray-scales. (b) Active Burgers vectors relative to the direction of the shear stress, τ, in 511 

the HO and SO packets. (c) Schematic illustration of the GNDs lined up along the interfaces of 512 

the differently oriented packets. (d) Spatial distribution of the local long-range-internal-stresses 513 

in the HO and SO packets under the action of the applied stress.  514 
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